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The shear modulus and logarithmic decrement at approximately 1 c/s have been 
measured from —180 °C to about 150 °C for a series of samples of isotactic polypropylene 
prepared by various thermal treatments. The samples had varyhig densities (degrees of 
crystallinity) and morphologies as characterized by spherulite size. All of the samples 
exhibited the three relaxations characteristic of polypropylene. The maxima in the three 
measures of relaxation (logarithmic decrement, C , and J") occur at about —60 °C, 0-10 °C, 
and 50 to 100 °C for the three processes. However, the relation between crystallinity and 
the magnitude of the peak value of the particular measure of loss depends upon the relaxation 
and the function used to measure the loss. The loss is almost independent of density and 
morphology for all three relaxations when G" is used to characterize the loss, whereas the 
loss increases monotonically as the density decreases when using J" to characterize the loss 
behavior. The logarithmic decrement behaves in a more complicated manner. The 
implications of this behavior are discussed, and it is shown that the primary effect of changing 
density is to change the equilibrium modulus rather than the relaxation processes. 



1. Introduction 

Mechanical relaxation in amorphous and crystal- 
line polymers has been extensively studied because 
of its intrinsic and practical huportance and because 
its correct intrepretation can elucidate the nature of 
molecular motions in these systems. In amorphous 
polymers, a great deal of experimental and theoreti- 
cal work has been carried out, and agreement 
between experhuent and molecular theories of relaxa- 
tion has been aclueved. 

In crystalline polymers, the situation is much more 
complex. The coinplicated morphological nature of 
these potymers has permitted only qualitative 
interpretation of various relaxation processes in 
molecular terms [1, 2].^ Indeed, most of the inter- 
pretation has been in terms of an amorphous- 
crystalline two-phase model of polymer morphology 
using the degree of crystallinity (as determined by 
density or some other means) as tlie primary param- 
eter for comparison of different samples. The effort 
has gone primarily into inferring the phase in which 
the relaxation process occurs and the probable size 
and type of relaxing species. Such a model may be 
too restrictive for highly crystalline polymers such 
as linear polyethylene, where electron microscope [3] 
and heat of fusion [4] results indicate a very small 
amorphous component which can, in fact, be regarded 
primarily as in the crystalline phase imperfections 
such as chain folds [5]. Moreover, even on the 
basis of the two phase model, there is considerable 
disagreement as to the site of various relaxations in 
specific cases. Thus, for example, McCrum [6] 
deduces that the high temperature (see below) 
relaxation in polypropylene involves a ^ ^crystal dis- 
ordering,^' while Flocke [7] attributes the same 
relaxation to a process occurring in the amorphous 



I Figures in brackets indicate the literature references at the end of this paper. 



regions. Other evidence [8, 9], also indicates that 
the degree of crystalHnity is not a sensitive enough 
criterion for comparing samples of varying thermal 
treatment, and that some of the relaxation processes 
are related to more subtle aspects of the morphology. 
In most of the work relating mechanical behavior 
to morphology, comparison of various samples has 
been made on the basis of tan b (the ratio of the 
imaginary part of the complex modulus to the real 
part) or some related quantity such as the logarith- 
mic decrement (which in tins paper we shall denote 
by the symbol A), primarily because most of the 
experiments have been carried out by the methods 
of forced or free oscillation in which the behavior 
of the specimen is governed by this quantity. How- 
ever, it is well known that the maximum value of 
tan b against frequency (or, more commonly, tem- 
perature) is not a good measure of the strength of 
the relaxation ^ unless the change in G\ the real 
part of the complex modulus, is very small compared 
to the static modulus, Ge. This is not the case in 
most polymer systems. Tlie correct quantity to 
use would be the area under the G'' peak in a G'^ 
versus Inw plot, where co is the frequency. This 
type of data is not usually available, and the area 
under a G'^ — l/T curve at constant frequency 
(which would be equivalent if all the relaxation 
times had the same temperature dependence) is 
often very difficult to obtain because the peaks are 
unresolved. In some cases C has been used as a 
measure of the relaxation strength when comparing 
samples of different crystallinity or morphology [10]. 
However, even in tliis case there is no a priori reason 
to use C rather than J'\ the imaginary part of the 
complex compliance. When comparing samples in 
which the modulus changes, the two methods, as 
will be seen, may lead to quite different conclusions. 



2 By "strength of the relaxation" we mean the difference between the moduli 
at very high and very low frequencies, i.e., Gco — G^. 
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In order to clarify some of these points a study 
was made of mechanical relaxation in polypropylene. 
This is a good material for study in that it can be 
obtained in both atactic (i.e., noncrystallizable) and 
isotactic (crystallizable) forms. It is known from 
the work of Keith and Padden [11] that atactic 
polypropylene mixed with isotactic is excluded from 
the crystalline phase when the isotactic component 
crystallizes. Hence, a density defect (density lower 
than the crystal density) in such a mixed system 
may be fairly unambiguously identified with the 
presence of a true amorphous phase. A thorough 
study of mechanical relaxation in such a system 
has already been carried out by Flocke [7]. Our 
own aims were threefold. These were: (a) to com- 
pare the behavior of a quenched isotactic specimen 
with that of a mixed isotactic-atactic specimen of 
the same density; (b) to compare the behavior of a 
sample which had been quenched and subsequently 
annealed to a given density, with that of one in 
which the same density had been achieved by 
isothermal crystallization (it is well known that such 
treatments produce widely different morphologies) ; 
(c) to compare the various viscoelastic functions for 
these samples. 

2. Experimental Details 
2.1. Apparatus and Method 

All the measurements reported here were taken 
using a torsion pendulum based on the design of 
Nielsen [12]. In this type of torsion pendulum the 
inertial member is supported by a fine wire of 
negligible elastance and is counterbalanced so that 
the sample is under no longitudinal stress. The 
inertial member was designed so that the frequency 
would be 1 c/s for a sample with a shear modulus of 
10^ N/m^ and the chosen dimensions (see below). 

The primary quantities measured in such an ap- 
paratus are the period of the oscillation and the rate 
of decay of the vibration amplitude. In some of the 
experiments the amplitude decay and the frequency 
were measured by a galvanometer lamp and scale 
arrangement. In a later development a strain gage 
was added to the system to provide an electrical 
signal proportional to displacement. This signal 
was then recorded on a recording oscillograph. 
There was no discernible difference in the results 
obtained by the two methods. 

In both methods of operation the period was de- 
termined by timing the swings, either by a stop 
watch in the first case, or by timing-markers on the 
recorder chart in the second. The logarithmic 
decrement, A, in both cases was determined by 
plotting the logarithm of the amplitude against the 
number of the swing and determining the slope of 
the resulting line. In practically all cases good 
straight lines were obtained. 

The real part of the complex modulus, G^ , was 
determined from the frequency, the known moment 
of inertia of the inertial member of the pendulum, 
and the sample dimensions (see ^ ^Sample Pre- 



paration' ' below). The approximate equation 



where co is the angular frequency, / the moment 
of inertia and k a form factor depending on sample 
dimensions [12], was used. The maximum error 
this approximation produced was about 1 percent. 
From 6' and A, G'' and J" wr-e calculated by the 
equations 

^"=^ (1) 

IT 



and 



J" 



0" 

'{G'y+{G"y 



(2) 



2.2. Material and Sample Preparation 



The material was an experimental sam.ple of 
isotactic polypropylene kindly provided by the 
AviSun Corporation. This had a viscosity average 
molecular weight of 207,700 and contained 2.56 
percent material extractable by C7 hydrocarbon 
fraction. It contained 0.02 percent of stabilizer. 

The samples were in the form of flat strips, with 
nominal dimensions 10X2X0.125 cm. This rather 
long flat shape was chosen to permit easy quenching 
of the specimens. The latter were prepared in the 
following manner. Flat sheets about 15X15 cm 
and of the proper thickness were prepared by com- 
pression molding. From these a specimen about 
12 cm long and 2 cm wide was cut. This was then 
mounted between two aluminum strips of the proper 
dimensions and the sandwich tightly wrapped in 
aluminum foil. This wrapped sandwich was then 
mounted between two 0.8 mm thick sheets of phos- 
phor-bronze held together by slight spring tension. 
The whole assembly was heated to 200 °C for a few 
minutes either in a silicone oil bath or an oven, 
and then either quenched in dry-ice acetone or 
iso thermally crystallized. This arrangement was 
chosen over a conventional mold to reduce the mass 
and provide fast quenching. From the resulting 
strip the final specimen was shaped by machining. 
The variation in width was negligible. The thick- 
ness was measured at several places along the sample 
and the results averaged. The maximum variation 
in thickness over the sample was about 5 percent. 
Since the thickness enters the form factor for cal- 
culating G^ as the cube, an average of the cube of 
the thickness was used. 

The primary means of comparison of the state of 
various specimens was the degree of crystallinity, 
X, as determined by density. This was determined 
by hydrostatic weighing and converted to crystallinity 
by the crystallinity-density scale of Danusso and 
Maraglio [13]. Because of effects such as static 
charge on the specimen which affected the weighing, 
X has an estimated standard error of about ±1 
percent. 
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As mentioned in the introduction, one of the aims 
of this work was to compare samples of tlie same x, 
but achieved in different ways, i.e., by the quencii- 
anneal technique and isothermal crystallization. 
The quench-anneal experiments were carried out on 
one specimen which had been quenclied by the proce- 
dure outlined above. After measurement in the 
torsion pendulum, this specimen was annealed for a 
certain time, remeasured, etc. The history of this 
sample is reported in table 1. Durinii* the run in 
the torsion })endu 'm the specimens of course 
crystallized s()ineA\'lMt, particularly at the lower 
crystallinities. "I'his limited the temperature ran^e 
of the experiments for the lower crystallinity samples. 
Furthermore, the curves for the lower crystallinity 
samples are once-through curves. The change in x 
during the measurements on the torsion-pendulum 
is also reported. 



Table 1 . Thermal treatment and crystallinity of samples 



Sample 


Treat ineiit 


X 


% 


No. 


Before run 


After run 


1 

lA 

IB 


Quenched 

No. 1+1 hr at 70 °C 

No. 1 A + 1 hr at 90 °C 


44 

50.3 

55.2 

64.4 

70.3 

68.5 


47 

51.1 

56.2 


IC 
ID 


No. lH+4 hr at i:-!,VC 

No. lC+4 lir at ir.o C 

Isothermal; 4U iir at 135 "C 


65.8 











One other sample was crystallized isothermally. 
It is also reported in the table. In addition to these, 
other spechuens were used to clieck and amplify the 
results. Thev will he mentioned in tlie text. 



X-ray diffraction studies ^ were carried out on 
specimens 1, IC, and 2, and flat film transmission 
patterns are shown in figure 1. Specimen No. 1 
contained a small amount of polypropylene in the 
hexagonal crystal form [14], which disappeared on 
annealing. Although not apparent from the photo- 
graphs shown in figure 1, spechuens 1 and 2 showed a. 
small amount of preferred orientation, determined 
by more precise difiVactometer measurements. This 
was probably caused by multii)le nucleation at the 
walls of the ([uencliing ap])aralus, and is not expected 
to affect the results signilicaiitly. 

1'he gross morpliology of spechuens 1, 1(\ and 2 
was (>bser\xd by studying thin sections of these 
specimens under the polarizing microscope, and 
photomicrographs are shown in figure 2. The re- 
sults are as expected; specimens 1 and IC^ show a 
highly irregular, granular morpholog}^-^ with some 
indication of spherulites, albeit ill-formed and ir- 
regular. Specimen 2 shows typical well-formed 
spherulites of mixed positive and negative character 
[15]. 

3. Results and Discussion 

As mentioned in the introduction, A is not a good 
quantity to use to determine the strength of a relaxa- 
tion, nor the average relaxation tune of the process. 
NcA-ertheless, we sliall delay (hscussion of G'' and 
J^', which are more directly related to tlie relaxa- 
tion parameters, and discuss the relaxations in terms 
of A. This will be more nearly comparable to much 
of the discussion in the hterature, and make com- 
parison with it easier. 



- We are lii^hly indebted to Mr. Norman M. Walter of the Aiiicricaii Viscose 
(Corporation for earrying out tlu-se studies for us. 




Figure 1. X-ray diffraction patterns of samples 1, IC, and 2 in table 1. 
More precise diffractometcr measurements show a small amount of preferred orientation in samples 1 and 2. 
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Figure 2. Optical micrographs under crossed polaroids of thin sections of samples 1, IC, and 2 in table 1. 
The magnification is 290 X in each case. Note the well formed spherulites in sample 2. 




-50 -20 -flO 
TEMPERATURE ,°C 



Figure 3. The real part of the complex modulus as a function 
of temperature for five of the specimens listed in table 2: 
l—O, lA—m, IB— a IC—^, 2— A. 

The numbers denote degrees of crystallinity before and after the run. 

The results for G^ and A are shown in figures 3 and 
4 for samples 1, lA, IB, IC, and 2. Sample ID is 
omitted for clarity but is reported in table 2 (see 
below). Sample No. 1 was measured only to 53 °C, 
but the data for A were later extended and checked 
by similar samples whose dimensions, unfortunately, 
were not uniform enough to permit unambiguous 
calculation of G\ 

The A versus T curve shows the three peaks 
indicating three relaxation processes characteristic 
of other crystalline polymers. (The lowest tempera- 
ture peak is small and very broad, appearing alm.ost 
as a shoulder on the low temperature side of the 
intermediate temperature peak.) These relaxations 




TEMPERATURE, "C 



Figure 4. The logarithmic decrement as a function of temper- 
ature for the same specimens shown in figure 3. 
Note the behavior w ith crystallinity of the high temperature relaxation. 

have been referred to in almost as many ways as 
there are authors in the field. Indeed, they have 
been called transitions, although they are not neces- 
sarily related to true thermodynamic transitions, 
except in some cases. We prefer to use the term 
^ ^relaxations ' for these peaks, and adopt the nomen- 
clature of Scott et al. [9] for them. Thus, the low 
temperature peak we call the 'low-temperature 
relaxation" (LTR), the medium temperature peak 
we call the ''glass transition relaxation' ' (GTR) since 
it occurs near the dilatometric glass transition tem- 
perature, and the high temperature peak we call 
simply the "high-temperature relaxation'' (HTR). 

3.1. Low Temperature Relaxation 

This is a very broad relaxation with a maximum in 
A (Amax) occurring at approximately —60 °C. It 
has been previously observed by other workers [6, 
7, 16, 17]. The pertinent information for this and 
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Table 2. 


Experimental parameters for the three relaxations observed 








LTR 


GTR 


HTR 


Sample 

No. 


Tniax 


Am ax 


G' 


" 


T,„ax 


A„.ax 


U' 


" 


T,„ax- 


Am ax 


G' 


- 


G"n,ax 


Tmaxb 


1 


-60 
-60 
-55 
-50 
-50 
-50 


0.057 
.055 
.052 
.045 
.043 
.043 


newton/m^ 
1.42X10B 
1.52 
1.80 
1.80 
2.05 
2.04 


c/s 
1.070 
1.111 
1.104 
1.204 
1.36 
0.888 


12 
11 

9 

7.5 

4 

4 


0.334 
.292 
. 254 
.230 
.212 
. 203 


newton/m^ 
0.52X109 

.55 

.76 

.85 
1.14 
1. 12 


c/s 

0.650 

.665 

.785 

.823 

1. 020 

0. 671 


50 
72 
74 
93 
108 
105 


0.355 
.373 
. 369 
. 426 
.468 
.240 


neivton/m^ 

"""'o"lo"4'x"r09""" 
.124 
. 100 
.106 
.170 


c/s 
0.383 
.294 
.323 
. 275 
.312 
. 258 


neivton/m'^ 




lA 






IB 

IC 

ID 

2 


0.25X10*^ 
.25 
.28 
.23 


47 
57 
66 
57 



a The temperature of the maximum in A. 
b The temperature of the maximum in G". 



the other relaxations are given in table 2. The 
curves for the real part of the shear modulus (fig. 3) 
do not show any inflection point within the tempera- 
ture range of this relaxation. However, it will be 
noticed that, with the exception of sample ID, A^ax 
decreases and G^ increases as the density increases. 
This is even more evident in the data of Flocke [7], 
where the different densities were obtained by (Uffer- 
ing polymerization procedures and hence refer to 
samples of varying tacticity, and he was therefore 
able to study samples of lower density. Wliere 
comparison is possible the present data agree with 
those of Flocke to witliin about 10 percent. 

The difference in density between samples ID and 
2 is just outside experimental error. The slightl}^ 
higher values of Amax than would be expected for 
sample ID from the behavior of the other samples 
indicates that some imperfections in the crystal for 
the quench-annealed samples may be the cause of a 
small amount of relaxation. TJie same difference 
occurs in the GTli. 

Now, as mentioned in the introchiction, it is well 
known from the work of Keith and Padden [11, 18] 
that atactic polymer in the presence of isotactic 
polymer is excluded from the crystalline phase when 
the isotactic component crystallizes. This atactic 
component segregates at interspherulitic boundaries, 
between lamellae or fibrils, etc., and exists as a true 
amorphous phase coexisting with the crystalline 
phase. Tlius, reasoning from the behavior of 
Amax with crystallinity one would conclude, at least 
from the data of Flocke, that whatever process is 
responsible for the LTR, it is occurring in the 
amorphous phase, since A^ax decreased with in- 
creasing crystallinity. And, to the extent that 
mechanical behavior as exemplified by A can be 
used to infer the thermodynamic state of a polymer, 
one would conclude that the quenched isotactic 
polymer is in the same state as the mixed atactic- 
iso tactic polymer. This would be a fairly good 
reason for adopting a two-phase model for tiie fine 
morphological structure of a quenched polymer. 

Moreover, the behavior of A in the LTK region is 
almost independent of the grosser details of tlie 
morphology. The behavior of specimen 2 is essen- 
tially what would be predicted from tlie behavior of 
the various specimens 1. This behavior would 
follow from the mechanisms proposed to explain the 



LTR in other polymers [1, 2, 8]. The relaxing unit 
is presumably small, consisting of only a few chain 
segments, and involves no motion of more complex 
morphological units. 



3.2. Glass-Temperature Relaxation 

The GTR is the next that occurs on the temper- 
ature scale. Again with tlie slight exception of the 
Amax value for sample ID, the magnitude Ann,x 
decreases and (?' increases as density increases in all 
cases, independently of how the density is achieved. 
Again these data are in agreement with those of 
Flocke, and the same rennu'ks that have been nnide 
for the JjTR apply also to this relaxation. 

There is an easily discernible difference in the 
temperature of the maxim un in A. It is un- 
fortunately difficult to discuss this in quantitative 
terms since ''mixing'^ of this peak with that due to 
the HTR undoubtedly raises the temperature of the 
GTR maximum somewhat. (See, however, the 
G'^—T curves in figure 6. The same temperature 
difference exists for the maximum in the G" —T 
curve, with much less mixing of peaks.) Without 
data at different frequencies these two peaks are 
difiicult to separate. However, the behavior persists 
even with samples IC, ID, and 2 where mixing is 
less likely to influence the temperatures of the 
maximum and it is tempting to ascribe this variation 
to a more fundamental cause. It is known that the 
glass transition temperature in isotactic poly- 
propylene is somewhat higher than in atactic poly- 
propylene [19, 20]. The present sample of polypro- 
pylene contains 2.5 percent extractable material 
which is presumably all atactic, and may contain 
more atactic either as high molecular weight atactic 
chains or (as is more likely) atactic sequences in the 
main chains which would jnake the nuiin cliain a 
stereoblock copolymer. If this is true, and, as 
discussed above, atactic sequences are excluded 
from crystallites, then as the degree of crystallinity 
is increased the composition of the resulting amor- 
phous component is changed, becoming richer in 
atactic material, and the glass-transition temperature 
falls. Since this relaxation is associated with the 
glass transition, the temperature of the maximum in 
A also falls. 
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This may be put into somewhat more quantitative 
terms. We assume that the whole polymer contains 
a fraction / of atactic material and (1 — /) of isotactic 
material, with glass transition temperatures Tl and 
Tl respectively. The glass transition is a property 
only of the amorphous polymer, and for a mixture 
of atactic and isotactic components can be related 
/or our purposes to the glass transition temperature 
of the pure atactic and pure isotactic components 
by the equation [21] 



Tf,=^Tl+{l-^)Tf 



(3) 



where ^p is the fraction of atactic polymer in the 
amorphous component. With these assumptions it 
is easy to show that 



/ 



l-X 



(Tf-rO+T! 



(4) 



where X is the degree of crystallinity. It is now 
reasonable to expect that T^ax, the temperature of 
the maximum in A, is displaced by the same amount 
from the dilatometric Tg for each of the pure com- 
ponents and for the mixture, provided the frequency 
of measurement is the same, as is very nearly true 
in these experiments. Figure 5 shows a plot of the 
observed Tmax against (1— x)"\ and it will be seen 
that the fit is surprisingly good. Extrapolating the 
curve to the (physically impossible) value of 
(l-X) -1 = gives a value of 21 °C for T? for this 
frequency. If we accept the value of 2 °C for 
Tl from the 16.1 percent isotactic sample (measured 
at 2.0 c/s) of Flocke, then we calculate the not 
unreasonable value of 0.27 for /. Although the 
agreement is almost certainly fortuitous, this is in 
striking agreement with the value of 0.25 for the 
same quantity deduced by Wyckoff [22] from x-ray 
determinations on a similar polymer. 

Further elaboration of this point would be in- 
appropriate, considering the drastic nature of the 
approximations. However, the reasonable value of 
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Figure 5. A plot of the temperature of the maximum in A in 
the glass temperature relaxation against (l — x)~^ (see 
text) . 



the quantities calculated indicate that some validity 
may be attached to this interpretation of the 
dependence of T^ax on x- 

3.3. High-Temperature Relaxation 

This is the most complex of the relaxations. It is 
quite evident from the A-T curves that the behavior 
is quite intimately associated with the method of 
sample preparation. Arguing from the curves for 
specimen 1, one would be tempted to ascribe the 
source of this relaxation to some process occurring 
within the crystal, for the magnitude of Amax in- 
creases with sample crystallinity, and the temperature 
of the maximum also rises. This, however, cannot 
be the case, for specimen 2, which is more highly 
crystalline than any of the No. 1 specimens shown 
on the figure, has a lower peak than any of the latter. 
Indeed, specimen ID, which had a x of 0-70 shows a 
value of 0.468 for A^ax whereas specimen 2 with 
essentially the same x b^^is a value of 0.24 for Amax- 

This strong dependence on the gross morphology is 
unquestionably the basis of the conflicting inter- 
pretations found in the literature about the source 
of this process. Thus McCrum [6] ascribed this 
relaxation to ^'crystal disordering, '' Flocke [7] to a 
process in the amorphous regions, and Scott et al., 
ascribed the analogous relaxation in poly(chloro- 
trifluoroethylene) to ^'lamellar surfaces or inter- 
lamellar interactions.'^ We are inclined to consider 
the last interpretation as being the most nearly 
correct. 

The behavior of G^ requires little comment. It is 
worthwhile to point out, however, that G^ is higher 
throughout the whole temperature range for the 
higher crystallinity samples. 

3.4. Behavior of Other Viscoelastic Functions 

The various relaxation processes have been dis- 
cussed with respect to the behavior of the logarithmic 
decrement, although the relationship of this quantity 
to the fundamental parameters of the relaxation is 
not very direct. That is to say, A^ax m^j change 
not only because of a change in AG{G^ — Ge), but 
also because of a change in Ge alone. The more 
appropriate quantities for discussing the relaxation 
behavior are either C or J^^ both of which have a 
direct relation to the relaxation strength. 

However, in the case of a material such as a 
crystalline polymer, even the behavior of C and J'' 
is not sufficient to describe the situation completely. 
This is because such polymers are in a sense compos- 
ite materials, consisting, on scale almost observable 
by optical microscopy, of a high modulus crystalline 
phase and some less well defined regions of lower 
modulus. In a polymer such as isotactic polypro- 
pylene there is evidence, as we have seen, for what 
amounts to a true amorphous phase. In a polymer 
such as polyethylene, which is much more highly 
crystalline, there exists a low modulus region con- 
sisting probably of some tie-molecules and certainly of 
juxtaposed chain-fold planes between lamellae. We 



524 



shall call these different modulus regions ^'phases/' 
without meaning to imply that they both are true 
thermodynamic phases. In either case the evidence 
is that such materials are composites on a fairly 
gross scale. 

Now, before mechanical relaxation can be ob- 
served, the applied stress, or strain, must be coupled 
to the relaxing species. And it will be clear that if 
the relaxing species exists primarily in one of the 
phases, then the connectivity between tlie phases is 
of paramount importance in determining the extent 
of relaxation. This problem of connectivity Jias al- 
ready been discussed by Sasaguri and Stein [23] with 
reference to the optical behavior, and by Takayanagi 
[10] with respect to mechanical behavior of spher- 
ulites under deformation. The latter author has de- 
veloped a phenomenological model which accounts 
for the behavior of filled polymer systems and mix- 
tures of two polymers. Unfortunately, its applica- 
tion to the problem of relaxations in crystalline 
polymers presupposes a knowledge of the viscoelastic 
properties of the two phases over the whole range of 
temperatures, and this is usually not known. 

In the absence of a detailed knowledge of the visco- 
elastic properties of the two phases, or of the details 
of the connecti^'ity (which in principle could make 
their properties calculable from tlie properties of the 
composite if one could solve the formidable me- 
chanical problem), we have chosen to compare the 
different samples studied at equivalent macroscopic 
strains and stresses. At a macroscopic sinusoidal 
strain eo sin co/, the energy lost per cycle per unit 
volume is gi\ en by 

W=irG''el (5) 

At a macroscopic sinusoidal stress of do sin oit, the 
energy lost per cycle per unit volume is gi\^en by 



W=tvJ''cjI 



(6) 



Hence the correct quantities for comparing' the loss 
at equivalent nuicroscopic strains and equivalent 
macroscopic stresses are C and J^' respectively. 
Plots of these quantities against temperature are 
shown in figures 6 and 7. 

The differences between the A and G^^ curves are 
striking; those between the A and J'^ curves are not 
as great. The only distinct relaxation in the G^' 
curves is the GTR, the LTR and HTR appearing 
only as shoulders on this. Moreover, the order of 
the samples has been reversed in the GTR. Samples 
Nos. 2 and ID (not shown) now have the highest 
value of G'^ at the peak, with A^ery little difference 
between the other No. 1 samples. 

As shown in table 2, the differences in G[i^^ in 
the HTR are very much smaller than the differences 
in Amax, and above 125 °C, G" for sample No. 2 is 
higher than for any of tlie No. 1 samples. This 
again is to be contrasted with the behavior of A. 
Moreover, in the HTR the temperatui'e at which the 
maximum in C occurs is from 27 to 4(S °C^ lower 
than the temperature at which the maximum in A 
occurs (table 2). This is due to the fact that G^ax 
and Aj„ax a^'e different functions of the relaxation 



times and the relaxing moduli, and A^^x is also a 
function of the equilibrium modulus. These quan- 
tities change by varying and unknown amounts as 
the crystallinity and morphology change. 




TEMPERATURE.^ 



Figure 6. The loss modnhis of four of the samples in figure 4 

as a function of temperature. 

Tlic syniholsaretlu'saiiK'as ill fi^uro 4. Note the reversal in the behavior witli 
cryslalliiiily both in tiu'uhiss iiMiiporature relaxation and in the high tempera- 
ture relaxation as e()nii)are(i with figure 4. 
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Figure 7. The imaginary part of the complex compliance as a 
function of temperature for the same four samples as in 
figure 6. 

Figures 4, 6, and 7 indicate that for this materialanalysisof the effect of mor- 
phology upon the various relaxation processes depends upon the viscoelastic 
function chosen to characterize the relaxation. 
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The LTR is less complex, and to the precision of 
the data in this region these samples must be con- 
sidered the same. In essence, the G^' curves have 
minimized the differences in the samples demon- 
strated by A, and, in fact, inverted the behavior. 

The J'' curves, on the other hand, magnify the 
differences among the curves as compared to the 
A plot. 

From these sets of curves, and bearing in mind 
that the samples in question had different degrees 
of crystallinity, one would be led to quite conflicting 
conclusions. Reasoning from the J'^ curves one 
would conclude that the LTR, GTR, and HTR are 
all processes which occur in amorphous regions since 
all three processes are more prominent in the least 
crystalline specimens. Reasoning from the A curves 
one would conclude, as previously discussed, that 
the LTR and GTR are properties of an amorphous 
phase, while the HTR is a complex process depending 
very strongly on the morphology. Reasoning from 
the G^' curves, however, one would conclude that 
the differences among the samples are small, and 
what differences do exist are such that more relaxa- 
tion is taking place in the more crystalline specimens 
and that hence the site of the relaxation process is 
in the crystal. 

Such conflicting conclusions show the degree of 
caution which must be exercised when using any 
one mechanical experiment to deduce something 
about the nature of the relaxation processes in 
crystalline polymers. Not only must any one vis- 
coelastic function be measured but the others must 
be computed from it and their behavior taken into 
consideration. To go beyond this one would need 
a molecular or phenomenological model on the basis 
of which the behavior of the viscoelastic functions 
could be calculated. With present knowledge of the 
details of the morphology of crystalline polymers 
this would be a formidable task. 

It is relatively easy to show what conditions are 
necessary to have G' change and G'^ not change over 
the whole temperature (and hence frequency) range 
as the degree of crystallinity is changed. This is 
approximately the behavior shown by the curves 
in figure 6. From linear viscoelasticity we have 



G^o^' 



U ^e\ Z-j -I I,, 2 ^2 



and 



^"=z; 



(7,0 



1+coV? 



(7) 
(8) 



where G^ is the equilibrium (low frequency) modulus, 
the Ti are the relaxation times with associated 
relaxation moduli G^, and a? is the frequency. For 
the purposes of this analysis we assume (as is ap- 
proximately true) that the temperature dependence 
of G' and G'^ comes only from the temperature 
dependence of the r^. Since co and r appear sym- 
metrically in these equations, G' and G^' are the 
same functions of co as they are of r. Hence 
asking that a change in crystallinity produce no 



change in G" over the whole temperature range at 
constant frequency is equivalent to asking that no 
change be produced over the whole frequency range 
at constant temperature. 

Now, we expect G^g, the (j^, and the ti all to be 
functions of the degree of crystallinity, %• Hence 
we have 



dG\ 
dx 



~ dx^^ 1+coM dx^^ 
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(1 + coM)' dx' 



(10) 



The vanishing of dG^^/dx at all frequencies (and hence 
at all temperatures) implies that both dGJdx and 
dri/dx are zero. If this is the case, then the only 
variation in G^ comes about from the variation in Gg 
with crystallinity. This would imply that the G^ 
curves for the various crystallinities are parallel to 
one another when plotted on a linear scale. A plot 
of the data shown in figure 3 shows that this is indeed 
approximately the case, at least below the GTR, 
where the C curves are very similar. Above this 
temperature the curves approach one another more 
closely, a refiection, no doubt, of the real differences 
that exist in the C curves in the HTR region. 

These results imply that the main effect of chang- 
ing X is to change the static modulus, Ge, and that the 
differences observed in the A— Tand J^^— T curves for 
different x are primarily, although not entirely, due 
to the variation of this quantity. This seems to be 
the case below and through the GTR, but above this 
temperature, both Gt and r^ may change with x- 
This behavior is understandable on the two- 
phase crystalline-amorphous concept of polymer 
morphology. 

3.5. Conclusions 

Three relaxation processes are observed for iso- 
tactic polypropylene in plots of G^\ A, or J'^ against 
T: one below the temperature at which the dilato- 
metric glass transition is observed (the LTR), one 
near the dilatometric glass transition temperature 
(the GTR), and one above this temperature (the 
HTR). 

Changing the crystallinity and morphology by 
annealing quenched specimens on the one hand, or 
preparing isothermally crystallized specimens on the 
other hand, has only a small effect on the behavior of 
G^^ with temperature. 

On the other hand, J^^ for the less crystalline 
specimens is higher at all temperatures than for the 
more crystalline specimens, quite independently of 
the morphology. The behavior of A is more compli- 
cated, the LTR and GTR decreasing with crystal- 
linity, while the HTR may increase or decrease. It 
is concluded that when comparison of different 
samples is made, completely different results will be 
obtained if comparison is made at equivalent macro- 
scopic strains (G^^) or equivalent macroscopic 
stresses (e/'O- This is presumably due to the un- 
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known microscopic connectivity of the composite 
material which is the crystalline polymer. It is 
incorrect, therefore, to say that changing' the degree 
of crystallinity increases or decreases the magnitude 
of a given relaxation process; whether it (h)es or does 
not depends primarily upon the inode of comparison. 
It is shown from these results that the primary effect 
of changing the degree of crystallinity is to cliange 
the static modulus, G^. 
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